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Abstract 
Precipitation hardening of eutectic and hypoeutectic Al-Ni alloys by 2-4 wt pct. 
manganese is investigated with focus on the effect of the alloys’ chemical composition 
and solidification cooling rate on microstructure and tensile strength. Within the 
context of the investigation, mathematical equations based on the Orowan Looping 
strengthening mechanism were used to calculate the strengthening increment 
contributed by each of the phases present in the aged alloy. The calculations agree 
well with measured values and suggest that the larger part of the alloy’s yield 
strength is due to the Al3Ni eutectic phase, this is closely followed by contribution 
from the Al6Mn particles, which precipitate predominantly at grain boundaries. 
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Chapter 1 
RESEARCH OBJECTIVES 
The objective of this research is to investigate the precipitation hardening 
characteristics of eutectic and hypoeutectic Al-Ni alloys caused by adding 
manganese. The research focuses on the effect of the alloys’ chemical composition 
and its solidification cooling rate on microstructure and tensile strength.  
Another objective of the research is to construct a mathematical model and use it to 
calculate the strengthening increment contributed by each of the phases that are 
present in the aged Al-Ni-Mn alloy. 
 
 
THESIS ORGANIZATION 
Following a Background section that includes discussions of the concept of 
precipitation strengthening, the interaction of dislocations with particles, and the 
various strengthening mechanisms available to the metallurgist; as well as 
discussions of precipitate stability, and highlights of the Al-Mn, Al-Ni, and Al-Ni-
Mn systems, the remaining of this document is a manuscript that describes the 
work performed in this thesis. The manuscript has been accepted for publication in 
Metallurgical and Materials Transactions A.  
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BACKGROUND 
Precipitation Strengthening 
In 1911 Alfred Wilm [1] discovered that alloying small amount of copper, magnesium, 
silicon into aluminum and quenching it from just below the melting point would 
increase the alloy’s hardness after being kept for a long time at room temperature. 
But at that time, there was no plausible explanation for the increased strength until 
1920 that Merida et.al [2] proposed that age hardening only occurs in those alloys 
whose solid solubility increases with increasing temperature. They argued that high 
cooling rate results in a supersaturated solid solution, from which new phases grow 
with time. In the following years, the main focus was on the mechanism of 
precipitates. Until 1940, Nabarro and Mott suggested that the interaction between 
misfit strain fields and dislocations accounted for the increased hardness [3]. In 1948, 
Orowan came up with his famous equation, which successfully described the 
increment of strength of alloys strengthened by strong particles [4]. Throughout the 
60’s, several theories came out, including coherency strengthening, order 
strengthening, modulus strengthening and stacking fault strengthening. And it was 
also the first time that computer simulation of interaction between dislocations and 
obstacles was used. 
The interaction of dislocations and particles 
When analyze the influence of particles on the motion of dislocations, we need take 
into account many factors, such as concentration and distribution of particles, 
chemical characteristics and coherency. Also it is very important to distinct two kinds 
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of obstacles, localized obstacles, which interact with dislocations in close contact, and 
diffuse obstacles, which interact with dislocations over distances [5]. 
 
 
 
   
  
 
 
 
 
 
Figure 1. A dislocation line is hindered by obstacles. 
 
We can just use the simple force balance, shown in Fig. 1, to analyze localized 
obstacles. This figure shows that the movement of a dislocation is hindered by several 
obstacles and the dislocation bows out.  
In Fig. 1, T is the line tension, F is the resist force the obstacle produces, and 𝜑𝑐  is 
the critical breaking angle. So we can easily obtain the equation as following: 
 𝐹𝑚 = 2𝑇𝑐𝑜𝑠(
𝜑𝑐
2
)                                                           (1) 
F 
T T 
ϕ 
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Friedel [6] further developed it by taking into account the effective obstacle spacing. 
The expression for the critical resolved shear stress can be written as: 
𝜑𝑐 =
2𝑇
𝑏𝐿𝑠
(cos(
𝜑𝑐
2
))
3
2                     (2) 
Where the b is Burgers vector. 𝐿𝑠  is the effective obstacle spacing.  
However, if the obstacle is so strong that 𝜑𝑐  is approaching zero when dislocations 
bow out, we have to adjust the equation slightly based on the computer simulation 
[7]. The equation for this situation can be expressed as: 
 𝜏𝑐 = 0.8
2𝑇
𝑏𝐿𝑠
(cos(
𝜑𝑐
2
))
3
2                (3) 
 
 
 
 
 
 
Fig. 2 Interaction between a dislocation line and some diffuse obstacles 
 
Misfit strain fields can exert influence, either attractive or repulsive, over distance 
on dislocations. Fig. 2 shows how situation changes as a result of misfit strain fields. 
The dislocations were impeded between diffuse obstacles. Mott [8] developed a very 
useful parameter: 
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𝜂0 = 
𝜔
𝐿𝑠
(cos(
𝜑𝑐
2
))1/2             (4) 
𝜂0  is defined as equation (4) and ω is the distance between dislocations and obstacles.  
If 𝜂0 >> 1, which means force is everywhere between obstacles, in this case Mott 
statistic is accurate to describe this situation. However, when 𝜂0<<1, the interaction 
could be described accurately by Friedel statistic. 
Precipitates can be strong enough so that it makes dislocations nearly impossible to 
cut through, which results into a situation that the 𝜑𝑐  approaches zero and the 
dislocation bypasses it. Above process is so-called Orawan mechanism which is shown 
in Fig. 3. The Orawan mechanism can be described into four steps: 
(1) The dislocation stops at the point of contact with obstacles.  
(2) The dislocation bows out.  
(3) After yielding, the dislocation leaves Orowan loop around particles.  
(4) The Orowan loops makes the motion of the dislocation more difficult and the main 
dislocation moves on. 
Oranwan also derived the equation below: 
Δ𝜏𝑜𝑟 =
𝐺𝑏
𝐿
                (5) 
Where G is the shear modulus of the matrix, b is the Burger’s Vector of the dislocation, 
L is the particle spacing, Δ𝜏𝑜𝑟  is the increased yield stress due to the looping.  
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By taking into account inter-particle spacing and effects of statistically distributed 
particles, Ashby [9] developed the following equation: 
Δ𝜏𝑜𝑟 = 0.538
𝐺𝑏𝑓1/2
𝐷
 ln (
𝐷
2𝑏
)                  (6) 
Where Δ𝜏𝑜𝑟  is the increased yield strength, D is the real diameter of particle, and f is 
the volume fraction of particles 
However, when the critical bending angle 𝜑𝑐  is larger than zero and particles are soft, 
the dislocation will glide through the particle. This cutting process is shown in Fig. 4 
and can be described into 3 steps:  
(1) The repulsive force between obstacles and the dislocation is not sufficient to stop 
the dislocation.  
(2) Then the dislocation cuts through the particle.  
(3) The particle is offset across the glide plane by a distance equal to one Burgers 
vector. 
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Fig. 3 The Orowan mechanism. 
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Fig. 4 A dislocation glides through the particle 
 
Strengthening mechanism 
There are many strengthening theories, including chemical strengthening, stacking 
strengthening, modulus strengthening and ordering strengthening. The following 
sections will discuss those theories shortly.  
Chemical strengthening 
If the cutting process happens, there will be two new ledges of matrix-particle 
interface after the shearing. The formation of those new surfaces comes with 
interfacial energy ϒ𝑠 which produces a resisting force such as [7]: 
ϒ𝑐  = (
6𝑟𝑠
3𝑏𝑓
𝜋𝑇
)1/2 < 𝑟 >−1                         (7) 
Where ϒ𝑠 is the interfacial energy, f is the volume fraction of particles, <r> is the 
average radius of precipitate particles, and T is the line tension of a dislocation.  
From this equation, for a given volume fraction, the critical shear stress decreases 
when the particle size increases, contrary to experimental observation. It appears 
Slip 
plane 
Slip 
plane 
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that chemical strengthening is not a very important mechanism, except for very small 
precipitates.  
 
 
 
 
Fig. 5 Dislocation-precipitate interactions in stacking-fault strengthening 
 
Stacking-Fault Strengthening 
The passage of the dislocation through the precipitate produces a stacking fault 
within the precipitates. A difference of stacking fault energy between the precipitate 
and matrix makes the movement of the dislocation much more difficult. Hirsch and 
Kelly [10] firstly proposed a theory for this strengthening mechanism by considering 
a variety of different situations. One possible configuration was illustrated in Fig. 5 
for the case that the stacking fault energy of matrix ϒ𝑠𝑓𝑚  is larger than that of 
precipitate phasesϒ𝑠𝑓𝑝. 
According to Hirsch and Kelly [10] and Gerold and Hartmann, the maximum force 
experienced by the split dislocation is given by: 
𝐹𝑚 = 𝛥ϒ𝑙                   (8) 
L  
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𝛥ϒ = |ϒ𝑠𝑓𝑚 − ϒ𝑠𝑓𝑝|  (9) 
Where L is the length of the chord inside the particle at the breaking condition shown 
in Fig. 5. In this configuration, L is a function of <𝑟𝑠> when <𝑟𝑠> is larger than both 
𝑤𝑝 and 𝑤𝑚. If the <𝑟𝑠> is less than 𝑤𝑚, as discussed by Hirsch and Kelly [10], L is 
equal to 2<𝑟𝑠>. The increment in shear strength can be expressed as equation (10): 
ϒ𝑐𝑟 =  𝛥ϒ
3/2(
3𝜋2𝑓<𝑟>
32𝑇𝑏2
)1/2  (10) 
This equation is active only if 2(𝑟𝑠 ) <  𝑤𝑚  is satisfied. The value of ϒ𝑐𝑟  in edge 
dislocations will be higher because of the lower T. 
Gerold and Hartmann [11] demonstrated that as the particle size increases, the value 
predicted by equation (10) decreases. While it is not possible to derive a simple 
equation of ϒ𝑐  by taking into account of all the factors, such as <𝑟𝑠>, 𝑤𝑝, and 𝑤𝑚. 
However, we can just consider the specific case, which is the regime of large particles, 
where 2<𝑟𝑠> >> 𝑤𝑝. In this case, Hirsch and Kelly gave the equation: 
L = 
𝐾
<ϒ𝑠𝑓>
[
𝜋<𝑟><ϒ𝑠𝑓>
𝐾−1
]1/2   (11) 
Where 
K = 
𝐺𝑏𝑝
2
8𝜋(1−𝜈)
(2-3𝝂+4𝝂𝑠𝑖𝑛2𝝃)  (12) 
<ϒ𝑠𝑓> = (ϒ𝑠𝑓𝑝 + ϒ𝑠𝑓𝑚 )/2   (13) 
Then we need to consider whether the particle is weak or strong. For weak particles 
[12], the approximate expression is 
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 ϒ𝑐𝑟 ≈ 1.15
𝛥ϒ3/2
𝑏
(
𝑓
𝑇
)1/2[
𝐾
<ϒ𝑠𝑓>
]3/4 < 𝑟 >−1/4  (14) 
And for those strong particles, 
ϒ𝑐𝑟 ≈ 
𝛥𝑟
𝑏
[
𝐾𝑓
<ϒ𝑠𝑓>
]1/2 < 𝑟 >−1/2  (15) 
 
Modulus Hardening 
If the shear modulus of the precipitate is not the same as the matrix, the elastic 
energy of a dislocation will change as it enters a particle. Melander and Persson [13] 
and Nembach [14] studied this change in energy. And Nembach suggests the force 
associated with this energy change can be expressed by: 
𝐹𝑚 = 𝐶0𝛥𝜇𝑏
2(
<𝑟>
𝑏
)𝑚  (16) 
Where 𝐶0 and m are constant, 𝛥𝜇 is the shear modulus difference between matrix and 
precipitate. The expression for the increase in shear stress by modulus strengthening 
is given: 
𝜏𝑐𝜇 = 0.0055(
𝑓
𝑇
)1/2𝛥𝜇3/2𝑏(
<𝑟>
𝑏
)
3𝑚
2
−1
  (17) 
 
Ordering Strengthening 
When a matrix dislocation shears an ordered precipitate, it will create an anti-phase 
boundary (APB) on the slip plane within the precipitate phase. The APB energy per 
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unit area on the slip plane is equal to the force per unit length opposing the motion 
of dislocation penetrating the particle. Dislocations travel in groups as alloys 
strengthened by ordered particles. Ham derived equation of the maximum force of 
interaction: 
𝐹𝑚 = 2ϒ𝑎𝑝𝑏 < 𝑟𝑠 >  (18) 
Using Eq. 1 and Eq. 2 leads to the expression [7]: 
𝜏𝑐𝑜 = 
ϒ𝐴𝑃𝐵
𝑏
(
3𝜋2ϒ𝐴𝑃𝐵𝑓<𝑟>
32𝑇
)1/2  (19) 
For those strong obstacles, Eq. 3 should be used. 
As mentioned before, the dislocations travel in pairs, which is illustrated in Fig. 6. A 
balance of forces on the dislocations is given [15]: 
2𝜏𝑐𝑜𝑏 = ϒ𝑎𝑝𝑏  (
𝑑І
𝐿І
−
𝑑𝛱
𝐿𝛱
)  (20) 
Assume that the second dislocation remains straight while the leading dislocation 
bows out between obstacles. In this case, the critical resolved shear stress is given by: 
𝜏𝑐𝑜 = 
ϒ𝐴𝑃𝐵
2𝑏
[(
3𝜋2ϒ𝐴𝑃𝐵𝑓<𝑟>
32𝑇
)1/2-f]  (21) 
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Fig. 6 A coupled pair of dislocation cutting through ordered precipitates. The 
first dislocation bows out while the second dislocation remains straight. 
 
Development of precipitates  
A significant feature of aging is that the precipitate usually goes through several 
stages before a final stable stage achieves.  In the well-known Al-Cu binary system, 
the precipitate has to pass through four stages in sequence upon aging until a final 
stage. Those stages are Guinier-Preston Zone, θ”, θ’ and θ. Among those stages, GP 
zones, θ” and θ’ are intermediate precipitate stages. GP zones involve some local 
clustering of the solute atoms and are favored by a low aging temperature, a high 
super-saturation and relatively low atomic misfit. The shape of clusters depend on 
the amount of misfit between solute and solvent atoms. For example, in Al-Ag system, 
𝑑І = 2 < 𝑟𝑠 > 
𝑑𝛱 
𝐿І = 𝐿𝑓 
𝐿𝛱 
1st dislocation 
2nd dislocation 
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the difference between silver and aluminum atom is less than 1 percent. So the GP 
zones appear to be spherical in shape. However, for Al-Cu system, the difference 
between the solute and the matrix lattice is about 12 percentage, which leads to a 
much high lattice strain when GP zones form. This large difference in lattice results 
in a very thin, two-dimensional plates-like GP zones. The plate-like GP zones have a 
diameter of 10 nm and a thickness of several Å. 
If the Al-Cu alloy is aged at room temperature, GP zones will be the only formation 
the precipitate goes through. Furthermore, in Al-Cu alloy, GP zones appears at any 
aging temperature that is below 100 °C. The GP zones appear at a very rapid rate at 
beginning but the rate decreases during time. The rate at which the GP zones begin 
to form is very high at relatively low temperature. To achieve this rapid formation, 
the diffusion coefficient of the solute atoms must be so high that is even several orders 
of magnitude higher than that obtained by extrapolating the known high 
temperature solute diffusion coefficient to the aging temperatures. As we all know, 
the equilibrium vacancy concentration is much higher at elevated temperature.  So 
the possible explanation for this accelerated rate of formation might be a super 
saturation of vacancies as a result of high cooling rate of quenching from a much 
higher treatment temperature.  
When the aging temperature is above 100 °C, one might expect to observe several 
intermediate stages. Artificial aging is aging above room temperature.  
θ” phase follows after GP zones and has a diameter that is much larger than those of 
GP zones. Highest hardness can be achieved when the θ” is reaching its maximum 
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amount. The composition of θ’ and θ is the same but the difference between them is 
that θ’ precipitates are partially coherent with matrix but the θ phase is incoherent. 
So at the final stage, θ phase totally replaced θ’ phase and the alloy becomes more 
and more soften. 
 
Precipitate stability 
Ostwald ripening happens at the latest stage and is growing at the expense of smaller 
ones. Volume fraction controls the kinetics of coarsening since the solute atoms are 
transferred through matrix from shrinking precipitates to growing ones. Lifshitz and 
Slyozov [16] and Wagner [17] proposed the LSW theory showing that the relation 
between the averages precipitate size <R> and time t: 
< 𝑅(𝑡) >3 -  < 𝑅(𝑡 = 0) >3 = kt  (22) 
𝑘 ∝  
𝐷𝜎
(𝐶𝑒
𝛽
−𝐶𝑒
𝛼)2
  (23) 
Where <R(t)> is the average precipitate radius at time t, <R(t = 0)> is the average 
initial precipitate radius. D is the diffusivity of the solute, σ is the precipitate-matrix 
interfacial free energy, 𝐶𝑒
𝛽  𝑎𝑛𝑑 𝐶𝑒
𝛼  are the equilibrium solubilities of the solute in 
precipitate and matrix, respectively. In order to slow down the Ostwald ripening, the 
solute must have low diffusivity, low solubility in matrix and low interfacial energy 
with the matrix. 
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Tri-aluminides formed from the transition elements 
Ni3Al has a cubic L12 crystal structure, which is chemically and structurally stable.  
The advantages of Al3M type are low density, high specific strength, good oxidation 
resistance and good thermal stability. The interface between L12 structure and 
matrix is coherent, which provides minimum interface energy and maximum 
strengthening efficiency of the dispersed phase. Moreover, coherency minimizes the 
possibility of coarsening of precipitates at high temperature by reducing the driving 
force. 
A review of the published crystal data [18-20] shows some of the alloying additions 
crystallize to form Al3M tri-aluminides. Among those, Al3Sc attracts most attention, 
because Sc can form thermodynamically stable L12 tri-aluminides structure [21]. Y 
can form Al3Y with an equilibrium hexagonal D019 structure. However, Foley et al. 
[22] reported the existence of a metastable cubic L12 Al3Y phase formed during 
rapidly-solidification in hypereutectic alloys. Group 4 (Ti, Zr, Hf) and Group 5(V, Nb, 
Ta) elements can form body-centered tetragonal D022 (or D023) structure. Fig. 7 [23] 
shows that the D022 and D023 are very close to L12 crystal structure. However, low-
symmetry tetragonal structure makes those phases brittle so lots of attentions have 
be put on transformation from tetragonal structure to higher-symmetry L12 structure 
by alloying other elements. 
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Fig. 7 Cited from Yamaguchi [23]. The structure of L12, D022 and D023. 
 
In order to reduce the interfacial free energy and maintain coherent, a small lattice 
parameter difference between precipitates and matrix is preferred. So investigation 
of the difference of the lattice parameters of matrix and precipitates with L12 
structure will be very useful. The mismatch data is displayed in Table 1. The 
parameters in Table 1 are published values measured at room temperature. 
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Since the tri-aluminum intermetallic compounds have many advantages, including 
such as low density and high melting points, so they are ideal for dispersed 
strengthening phases for high temperature Al-based alloys. The ordered FCC makes 
L12 structure especially attractive. Sc can form L12 structure. Group 4 elements and 
Group 5 elements can form metastable L12 structure. The degree of meta-stability of 
the cubic L12 formed by group 4 elements is so slight that it attracts more and more 
attention. 
The absolute lattice parameter mismatch, δ, for the cubic L12 structure is: 
δ = 100|1-
𝑎
𝑎0
|  (24) 
Where 𝑎0 is the lattice parameter of Al. For the tetragonal structure, we have to take 
into account the mismatch along a- and c- axes [24, 25]: 
δ = 
100
3
 [2|1-
𝑎
𝑎0
| + |1 −
𝑐
𝑛∗𝑎0
|]  (25) 
Where n =2 for D022 and n = 4 for D023. 
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Table 1. Cited from Keith E. Knipling [26], Parameters and mismatch with Al 
Phase Structure Lattice 
parameters (Å) 
Mismatch 
with Al 
Absolute 
mismatch, δ 
References 
Al3Sc L12 a = 4.103 +1.32% 1.32% [27] 
Al3Y L12a a = 4.234 +4.55% 4.55% [22] 
Al3Ti L12a 
D022 
a = 3.967 
a = 3.848 
c = 8.596 
-2.04% 
-4.98% 
+6.12% 
2.04% 
5.36% 
[28] 
[25, 29] 
Al3Zr L12a 
D023 
a = 4.080 
a = 4.014 
c = 8.596 
+0.75% 
-0.88% 
+6.92% 
0.75% 
2.89% 
[30, 28, 31] 
[25, 29] 
Al3Hf L12a 
D022b 
a = 4.048 
a = 3.893 
a = 8.925 
-0.04% 
-3.87% 
+10.2% 
0.04% 
5.98% 
[28] 
[32] 
Al3V L12 a, c 
D022 
a = 3.87 
a = 3.78 
c = 8.321 
-4.44% 
-6.66% 
+2.74% 
4.44% 
5.35% 
[33] 
[25, 29, 34] 
 
Al3Nb L12a 
L12 a, c 
D022 
a = 4.11 
a = 3.92 
a = 3.844 
c = 8.605 
+1.49% 
-3.20% 
-5.08% 
+6.25% 
1.49% 
3.2% 
5.47% 
[25] 
[33] 
[25, 29] 
Al3Ta D022 a = 3.839 
c = 8.535 
-5.2% 
+5.38 
5.26% [29] 
a Metastable 
b Al3Hf exists in two different crystallographic forms: D023 and D022 
c Calculated 
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Solubility of Transition Metals in aluminum-based alloys 
A low solid solubility at service temperature is in favored of maximizing the driving 
force for nucleation and volume fraction of the precipitates. Moreover, limited solid 
solubility is favorable for retarding Coarsening, according to the diffusion theory. The 
basic requirement for precipitation strengthening is the decreasing value of solid 
solubility with decreasing temperature. 
In order to achieve a high degree of supersaturated solute atoms after quenching, a 
large maximum solubility, Cmax, is desired. Besides a large Cmax, limited solubility at 
service temperature (400°C) is important to provide driving force of nucleation and 
prevent Ostwald ripening of the precipitate. 
Keith E [35] reviewed equilibrium maximum solid solution (Cmax) and solubility at 
400°C (C400) in binary Al-M alloys that form cubic (L12) and related tetragonal Al3M 
trialuminide intermetallic compounds, shown in Table 2. The ratio of Cmax to C400 can 
be easily calculated from this table. The larger value of the ratio, the more 
precipitates will form after solutionzing and heat treatments. According to the ratio, 
we can easily find that Zirconium, whose ratio is 166, and Scandium, whose ratio is 
23, are much better than other elements in that aspect. 
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Table 2. Cited from Keith E. Knipling [26]. Equilibrium solid solubility (Cmax) and 
solubility at 400C (C400). 
Element Cmax (at.%) C400 (at.%) α-Al-Al3M equilibrium References 
Sc 0.23 0.01 Yes [20] 
Y 0.049 0.016 Yes [20] 
Ti 0.79 0.13 Yes [35] 
Zr 0.083 0.0005 Yes [36] 
Hf 0.186 0.130 Yes [20] 
V 0.33 <0.15 No [20] 
Nb 0.066 0.038 Yes [20] 
Ta 0.235 0.05 Yes [20] 
 
Diffusivity of Transition Metals in aluminum- based alloys 
The transition elements are slow diffusers in Al, as shown in Table 3. At 400°C, 
compared with copper, Magnesium and even Aluminum itself, the diffusion 
coefficients of the transition metals in Al are several orders of magnitudes smaller. 
Therefore, Al3M precipitates are much more thermally stable than traditional 
precipitation hardening phase, such as Al2Cu and Mg2Si [37].  
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Table 3. Cited from Cited from Keith E. Knipling [26]. Mesured diffusion data for 
selected transition metal solutes in Al. 
Element Pre-exponential, D0 
m2s-1 
Activation enthalpy, Q 
kJ mol-1 
D at 400°C 
m2s-1 
Refs 
Al 1.37 × 10-5 124 3.25 × 10-15 [38] 
Sc 5.31 × 10 -4 173 1.98 × 10-17 [39] 
Ti 1.12 × 10-1 260 7.39 × 10-22 [40] 
V 1.6 303 4.85 × 10-24 [40] 
Cr 10 282 1.29 × 10-21 [41] 
Mn 8.7 × 10-3 208 6.24 × 10-19 [41] 
Fe 7.7 × 10-1 221 5.41 × 10-18 [41] 
Co 1.93 × 10-2 168 1.76 × 10-15 [41] 
Ni 4.4 × 10-4 146 2.05 × 10-15 [42] 
Cu 6.54 × 10-5 136 1.54 × 10-15 [43] 
Zn 2.59 × 10-5 121 1.05 × 10-14 [44] 
Zr 7.28 × 10-2 242 1.20 × 10-20 [45] 
Mo 1.4 × 10-3 250 5.52 × 10 -23 [46] 
 
The Al – Mn system 
Fig. 8 shows the Al-Mn binary phase diagram. There are many experimental 
investigations in Al-Mn system because of its practical importance in Al-based alloys. 
However, here, the focus will only be on the Al-rich part of this phase diagram for 
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precipitation hardening investigation purpose. Table 4 displays some crystal 
structure and lattice parameters of intermediate phases. 
 
Fig. 8 Al-Mn binary phase diagram 
 
 
Table 4 Phases in the Al-Mn system 
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Fig. 9 Al-Mn binary phase diagram (Al rich part) 
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From Fig. 9 [47], we can see the solubility of Mn in Al can be as high as 1.2 wt%, 
that’s almost twice as those transition elements in group 3, 4 and 5. High maximum 
solubility of Mn in Al and limited solubility at service temperature makes Mn perfect 
for precipitation strengthening application. 
Besides solubility, the diffusivity in aluminum of manganese is much smaller than 
that of Cu, Mg and Si. At 450°C, DMn = 2.16 × 10-6 m2/s, DCu = 8.21 × 10-6 m2/s, DMg = 
6.18 × 10-6 m2/s, and DSi = 8.81 × 10-6 m2/s) [48]. According to Ostwald ripening theory, 
the low diffusivity at elevated temperature allows the precipitates to remain effective 
barriers to dislocation movement. 
Another attractive characteristic of Al-Mn system is that Al6Mn precipitates are very 
stable at elevated temperature. For example, at 240°C, the coarsening kinetics 
constant of Al2Cu is 690 nm3/s compared to 0.00234 nm3/s for Al6Mn at 500°C [49]. 
 
Al – Ni system 
The Nickel-rich part of the Al-Ni phase diagram is of fundamental interest for Nickel-
base super alloys. However, here we only focus on the Al- rich part since the Al-Al3Ni 
eutectic structure plays a very important role in casting alloys. Also the fiber-like 
shape of Al3Ni makes it possible for high strength application. 
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Fig. 10 Al-Ni binary phase diagram 
There are two eutectic reactions, three Peritectic reactions and one Peritectoid 
reaction in Al-Ni system [50]: 
Eutectic reactions:  L ↔ Al +Al3Ni    at 640 °C 
    L ↔ AlNi + AlNi3   at 1360 °C 
Peritectic reactions: L + Al3Ni2 ↔ Al3Ni   at 854 °C 
    L + AlNi ↔ Al3Ni2   at 1133 °C 
    L + Ni ↔ AlNi3   at 1362 °C 
Peritectoid reaction: AlNi + AlNi3 ↔ Al3Ni5   at 700 °C 
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Most commercial aluminum casting alloys are based on Al-Si eutectic system 
because of its good fluidity and resistance to hot tear. However, its solidus is below 
600 °C which makes it nearly impossible to use in high temperature applications. 
However, Al-Ni system perfectly fulfill those criteria: it has a eutectic reaction at 
6.1 wt% nickel and its solidus is above 625 °C. Due to the relatively large volume 
fraction of Al3Ni (9.7 vol. pct.), the fluidity is good and the tendency to hot tear is 
low [51]. Moreover, Al and Al3Ni are in chemical equilibrium with each other so no 
degradation would occur. Besides that, the interfacial bond between Al and Al3Ni is 
strong so it allows efficient load transfer between them [52]. 
 
The Al – Ni – Mn system 
The focus will be on the investigation of ternary phases of Al – Mn – Ni alloy system 
in the Al-rich region from 750°C to 950°C. 
In the Fig. 11, the peritectic composition of the ϕ-phase is marked by a star. TM is 
for transition metals. X is for vacancies in the Al- or TM sub-structure. There are 
three ternary phases found in Fig. 11, which are ϕ-phase, κ-phase and O phase. The 
binaries μ-Al4Mn, Al11Mn4, and ϒ2-Al8Mn5 dissolve small amounts of Ni. δ-Al3Ni2 and 
Al3Ni dissolve small amounts of Mn. Since ϒ-AlMn is a high-temperature phase, 
below 840 °C the β-range separates from binary Al-Mn and the β-phase can be 
considered to be a solid solution of Mn in AlNi[53].  
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Fig. 11 Cited from S. Balanetskyy [54]. Scheme of the projected compositional 
ranges of the Al-rich Al-Mn-Ni phases between 750 and 950C. 
 
According to the work of S. Balanetskyy [54], there are three ternary phases observed 
in as-cast samples as well as in the samples annealed up to 958 h, which leads to the 
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conclusion that those are thermodynamically stable phases in the Al-Mn-Ni alloy 
system. 
The ternary hexagonal ϕ-phase is formed by peritectic reaction at 993 °C and the 
initial composition of ϕ at the temperature of peritectic reaction is estimated as about 
Al71.4Mn23.2Ni5.4 [54]: 
L + ϒ1 +T ↔ ϕ 
The ternary hexagonal κ-phase is formed by peritectic reaction at 867 °C and the 
initial composition of κ-phase at the temperature of peritectic reaction is estimated 
as about Al80Mn18.5Ni1.5 [54]: 
L + ϕ + μ ↔ κ 
The ternary orthorhombic O-phase is formed by peritectic reaction at about 750 °C 
and it occupies a small compositional region around Al78.5Mn13Ni8.5 [54]. 
L + ϕ + κ ↔ O 
About the O phase, the lattice parameters of the T-, R- and O- phases are related [54]: 
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ABSTRACT 
Precipitation hardening of eutectic and hypoeutectic Al-Ni alloys by 2-4 wt pct. 
manganese is investigated with focus on the effect of the alloys’ chemical composition 
and solidification cooling rate on microstructure and tensile strength. Within the 
context of the investigation, mathematical equations based on the Orowan Looping 
strengthening mechanism were used to calculate the strengthening increment 
contributed by each of the phases present in the aged alloy. The calculations agree 
well with measured values and suggest that the larger part of the alloy’s yield 
strength is due to the Al3Ni eutectic phase, this is closely followed by contribution 
from the Al6Mn particles, which precipitate predominantly at grain boundaries. 
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NOMENCLATURE 
Ao Average area fraction of O phase 
b  
𝐷o  
Burgers vectors, for aluminum b = 0.286 nm [1] 
Average spacing between two adjacent Al3Ni rods on the slip plane 
𝑓𝐴𝑙3𝑁𝑖  Volume fraction of the Al3Ni phase 
𝑓𝐴𝑙6𝑀𝑛 Volume fraction of the Al6Mn phase 
𝑓𝜊 Volume fraction of the O phase 
G  Shear modulus on the slip plane, for aluminum G = 26.2 GPa [1] 
𝑙  Average major axis of the Al6Mn ellipsoid, 𝑙 =  350 nm 
𝑚𝑁𝑖  Mass fraction of nickel 
𝑚𝑀𝑛 
M 
Mass fraction of manganese 
Taylor factor (M = 3.06) [2] 
𝑀𝐴𝑙60𝑀𝑛11𝑁𝑖4   Molecular mass of the O phase (g.mol
-1) 
𝑀𝑀𝑛  Atomic mass of manganese (g.mol-1) 
𝑀𝑁𝑖  Atomic mass of nickel (g.mol-1) 
R  Mean radius of the Al3Ni rods 
t 
  
Average minor axis of the Al6Mn ellipsoids, t = 200 nm 
Angle between the Al3Ni rods and the slip plane of the dislocations 
in aluminum 
𝜈  Poisson’s ratio, for aluminum 𝜈 = 0.362 [3] 
𝜌𝐴𝑙   Density of aluminum = 2.71 g.cm-3  
𝜌𝐴𝑙6𝑀𝑛  Density of the Al6Mn phase = 3.3 g.cm
-3 [4] 
𝜌𝜊   Density of the O phase = 3.62 g.cm-3 [4] 
𝜎𝐴𝑙   Yield strength of pure aluminum = 28 MPa [5] 
∆𝜎𝐴𝑙3𝑁𝑖  Increment of yield strength contributed by the Al3Ni phase (MPa) 
∆𝜎𝐴𝑙6𝑀𝑛  
∆𝜏𝑒𝑑𝑔𝑒  
 
∆𝜏𝑠𝑐𝑟𝑒𝑤 
Increment of yield strength contributed by the Al6Mn phase (MPa) 
Increment of shear strength due to particle looping by edge 
dislocations 
Increment of shear strength due to particle looping by screw 
dislocations 
𝜑𝑀𝑛   Mass of manganese in aluminum solid solution per unit volume of 
solid alloy (g.cm-3) 
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INTRODUCTION 
It has been shown that aluminum alloys that contain appreciable amounts of the 
aluminum-nickel eutectic structure exhibit excellent fluidity and very good resistance 
to hot-tearing [6]. Moreover the Al3Ni eutectic phase, which is typically in the form of 
thin rods, adds significant strength to aluminum by the well-known Orowan looping 
mechanism [7]. Furthermore, the Al3Ni eutectic phase is chemically and thermally 
stable, and resists coarsening up to 500°C [8]. For these reasons, alloys based on this 
eutectic system are potential replacements for traditional aluminum alloys in high 
temperature applications. The yield strength of this binary eutectic does not exceed 
100 MPa at room temperature and 50 MPa at 300°C [9], which falls short of the 
current requirements of many engineering applications. Hence, it is necessary to add 
to aluminum and nickel other strength inducing alloying elements – preferably ones 
that allow precipitation hardening by thermally stable precipitates. Many of the 
currently available age-hardenable aluminum alloys are precipitation hardened by 
Al2Cu, and/or Mg2Si precipitates. However, because of the high diffusivity of copper, 
magnesium, and silicon in aluminum, and the low thermal stability of the Al2Cu and 
Mg2Si phases, these precipitates tend to coarsen and dissolve in the aluminum matrix 
when the alloy is used at temperatures exceeding 250°C [10]. Al6Mn precipitates, 
which can form in aluminum by aging at temperatures between 400-450°C, are stable 
at significantly higher temperatures [11], and are thus an attractive alternative. This 
is mainly because the diffusivity in aluminum of manganese is much smaller than 
that of copper, magnesium, and silicon (at 400°C, DMn = 5.2010-19 m2/s, DCu = 
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2.3110-15 m2/s, DMg = 1.110-14 m2/s, and DSi = 3.6810-15 m2/s) [12]. Consequently, 
Al6Mn precipitates coarsen at a much slower rate than Al2Cu and Mg2Si precipitates. 
For example, at 240°C, the coarsening kinetics constant of Al2Cu is 690 nm3/s 
compared to 0.00234 nm3/s for Al6Mn at 500°C [13]. Unfortunately, because the 
equilibrium solubility of manganese in solid aluminum is small (max. solubility = 1.2 
wt. pct. at 659°C [14]), the maximum volume fraction of Al6Mn precipitate that may 
form in aluminum by a typical heat treatment regimen is only 5.8%. Consequently, 
the strengthening increment attained by the presence of the Al6Mn phase in 
aluminum is limited. However, the volume fraction of Al6Mn precipitate may be 
significantly increased by adopting a non-traditional heat treatment regimen in 
which the molten alloy is cast at a high enough cooling rate so that a supersaturated 
solid solution of manganese in aluminum is obtained directly from the melt. In this 
non-traditional heat treatment scenario a homogenization step is not required, and 
the supersaturated solid solution that is produced can be made to contain much more 
manganese than is possible by traditional heat treatment because the solubility of 
manganese in liquid aluminum is much higher than in solid aluminum [11]. Rapid 
cooling preserves as nearly intact as possible the solid solution formed at the melting 
temperature. 
The work reported herein concerns precipitation strengthening in the Al-Ni-Mn 
system when this non-traditional heat treatment method is used to form an ultra-
super saturated solid solution of manganese in aluminum, which – upon aging – leads 
to precipitation of an unusually high volume fraction of Al6Mn particles. 
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Three different phases contribute to the strength of the Al-Ni-Mn alloy. These are the 
-Al phase, the Al3Ni phase, and the Al6Mn phase1, and the strength of the alloy may 
be expressed as a linear sum of the strengthening increments contributed by these 
three phases, as shown in Eq. (1), 
 𝜎𝑇𝑜𝑡𝑎𝑙 = 𝜎𝐴𝑙 + ∆𝜎𝐴𝑙3𝑁𝑖 +∆𝜎𝐴𝑙6𝑀𝑛  (1) 
Since the solubility of manganese and nickel in solid aluminum is negligible, then the 
yield strength of the -Al phase may be assumed equal to the yield strength of pure 
aluminum, so that [5] 
 𝜎𝐴𝑙 = 28 MPa (2) 
The Al3Ni eutectic are approximately 100 nm in diameter and several micrometers 
in length so they tend to strengthen the -Al phase by the Orowan looping 
mechanism. Hence, the increment increase in shear strength due to looping may be 
calculated from (3) in the case of edge dislocations looping the fibers and (4) in the 
case of screw dislocations [15] 
 ∆𝜏𝑒𝑑𝑔𝑒 =
2𝐴
𝑏𝐷0
 (3)  
where  𝐴 =
𝐺𝑏2
4𝜋
ln (
𝑅
𝑏
) 
and ∆𝜏𝑠𝑐𝑟𝑒𝑤 =
1
√1−𝜈
∆𝜏𝑒𝑑𝑔𝑒 (4) 
                                                                 
1 It is assumed that the solidification cooling rate is fast enough that formation of primary O phase is negligible. 
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Because the Al3Ni rods are perfectly orientated within each grain [16], the average 
distance between rods on the slip plane, 𝐷𝑜 in Eq. (3), may be related to 𝑓𝐴𝑙3𝑁𝑖 , R, and 
the angle between the slip plane and the growth direction of the rods,  as shown in 
Eq. (5)[7] 
 𝐷𝑜 =
(√
𝜋𝑅
√𝑓
−2𝑅)
𝐶𝑜𝑠1/2𝜃
 (5) 
A major orientation relationship between aluminum and the Al3Ni rods in the Al-
Al3Ni eutectic is <010>Al3Ni // <321> Al [7, 17]. Therefore cos 𝜃 is calculated as 
follows 
 cos 𝜃 =
(321 )(111)
|321||111|
= 0.926  
The Taylor factor is then used to convert the increment increase in shear stress 
obtained in (3) and (4) to increment increase in yield strength [2] 
 Δ𝜎 = 𝑀𝛥𝜏  
Using (3) – (5), the additional yield strength due to fiber looping by edge dislocations 
is  
 ∆𝜎𝑒𝑑𝑔𝑒 = 𝑀
𝐺𝑏 𝑐𝑜𝑠1/2 𝜃
2𝜋(√𝜋
𝑅
√𝑓
−2𝑅)
𝑙𝑛 (
𝑅
𝑏
) (6) 
and due to fiber looping by screw dislocations is 
 ∆𝜎𝑠𝑐𝑟𝑒𝑤 =
1
√1−𝜈
∆𝜎𝑒𝑑𝑔𝑒  (7) 
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Assuming an equal number of screw and edge dislocations is present in the alloy, and 
assuming that the growth directions of the Al3Ni eutectic are equally favored, then 
the strengthening increment due to the Al3Ni eutectic phase is  
 ∆𝜎𝐴𝑙3𝑁𝑖 =
𝑀(1+
1
√1−𝜈
)
2
0 .96𝐺𝑏
2𝜋(√𝜋
𝑅
√𝑓𝐴𝑙3𝑁𝑖
−2𝑅)
ln(
𝑅
𝑏
) (8) 
The Al6Mn precipitate particles in -Al tend to be ellipsoidal in shape, therefore their 
contribution to yield strength may be calculated by (9) [18] 
 ∆𝜎𝐴𝑙6𝑀𝑛 = 𝑀
0.81𝐺𝑏
2𝜋(1−𝜈)
(
1+𝑙 𝜆⁄
𝜆
) ln(
𝑡
𝑏
) (9) 
where  𝜆 = √
𝑙𝑡
𝑓𝐴𝑙6𝑀𝑛
 
Substituting (2), (8), and (9) into (1) gives the yield strength of the Al-Ni-Mn alloy as 
𝜎 = 28 𝑀𝑃𝑎+
𝑀(1 +
1
√1−𝜈
)
2
0.96𝐺𝑏
2𝜋 (√𝜋
𝑅
√𝑓𝐴𝑙3𝑁𝑖
−2𝑅)
𝑙𝑛 (
𝑅
𝑏
) 
 +𝑀
0.81𝐺𝑏
2𝜋√1−𝜈
(
𝑙+√
𝑙𝑡
𝑓𝐴𝑙6𝑀𝑛
𝑙𝑡
𝑓𝐴𝑙6𝑀𝑛
)𝑙𝑛 (
𝑡
𝑏
) (10) 
Equation (10) suggests that the yield strength of the Al-Ni-Mn alloy depends to a 
large extent on the size and volume fraction of the of the Al3Ni eutectic and Al6Mn 
precipitate particles, which in turn depend on the chemical composition of the alloy 
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and its cooling rate during solidification.  
This paper focuses on precipitation strengthening in the Al-Ni-Mn system, and 
examines the interaction between the alloys’ chemical composition, its cooling rate 
from the melt, and the resulting microstructure and yield strength. 
MATERIALS AND PROCEDURES 
Six alloy compositions in the Al-Ni-Mn system were constituted from pure aluminum 
ingots (99.999% purity), Al-20wt% Ni, and Al-25wt% Mn master alloys. The alloys 
were melted in an induction furnace in clean silicon carbide crucibles coated with 
boron nitride. The melts were degassed with high purity argon gas by means of a 
rotating impeller degasser for 30 minutes, and they were poured at approximately 
800°C. Casting was performed in a brass mold and also in a water chilled copper 
mold. The water chilled copper mold (shown schematically in Fig. 1(a)) produces 
standard sub size tensile specimens with a uniform cooling rate of about 90°C/s. The 
brass mold, which is shown schematically in Fig. 1(b), has a cone shape, and provides 
specimens with a range of cooling rates between 90°C/s at its narrowest end and 
3.8°C/s at its widest end2. The specimens were aged in an electric furnace and were 
cooled from the aging temperature to room temperature in air. The chemical 
compositions of the alloys and the isothermal aging schedules employed are shown in 
Table I.  
                                                                 
2 Here the cooling rate  the measured average cooling rate between 820°C and 640°C, which are the pouring 
temperature and the end of solidification temperature, respectively. 
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(a) 
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(b) 
Fig. 1 (a) Water-chilled copper mold for casting sub-size tensile test bars.  
(b) Brass mold for casting ingots with different cooling rates at different locations. 
Specimens used for scanning electron microscopy (SEM) were mounted in Bakelite 
and prepared for analysis by standard metallographic methods. When needed, the 
specimens were etched with 5 vol.% hydrofluoric acid. Measurements of phase area 
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fraction were performed by Image J software. Specimens used for transmission 
electron microscopy (TEM) were produced by thinning foils of the alloy to perforation 
by means of a twinjet electro-polisher (Fischione Instruments, model 120) operating 
at 12 volts and utilizing a solution of 20 vol.% perchloric acid in methanol maintained 
at -20C. A JOEL-7000F scanning electron microscope and a JOEL-2010F 
transmission electron microscope were employed to perform the microscopy. X-ray 
diffraction was performed with a diffractometer (PANalytical, Emperion model) in 
order to identify the various phases present in the alloys. 
Tensile properties of the alloys were measured by means of a Universal Testing 
machine (Instron model 5500R) at an extension rate of 0.05 in/min. A 1-inch gage 
length extensometer (MTS model 634.25E-24) was used to measure extension. The 
measurements were performed on 1 inch sub-size specimens that had a rectangular 
cross section as described in ASTM E8-04. At least 5 specimens were used for each 
measurement and the results were averaged and the standard deviations were 
calculated. Fracture of all specimens took place within the gage length and specimens 
with severe porosity and/or oxides that would affect the results were excluded. 
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Table I. Nominal chemical composition and heat treatment of the alloys. 
# Composition (wt. %) Casting Condition Heat Treatment  
1 Al-6Ni-4Mn 
Brass mold None 
Water chilled mold 
Aged at 450°C for times 
between 0.5 to 64 hours 
Water chilled mold Aged at 400°C for times 
between 0.5 to 64 hours 
2 Al-6Ni-3Mn 
Brass mold None 
Water chilled mold Aged at 450°C for 1 hour 
3 Al-6Ni-2Mn 
Brass mold None 
Water chilled mold Aged at 450°C for 1 hour 
4 Al-4Ni-4Mn 
Brass mold None 
Water chilled mold Aged at 450°C for 1 hour 
5 Al-4Ni-3Mn 
Brass mold None 
Water chilled mold Aged at 450°C for 1 hour 
6 Al-4Ni-2Mn 
Brass mold None 
Water chilled mold Aged at 450°C for 1 hour 
 
 
 
45 
 
RESULTS AND DISCUSSION 
Fig. 2 shows SEM photomicrographs of the as-cast microstructure of Al-6Ni-4Mn and 
Al-4Ni-4Mn alloys cooled at 5°C/s. The phases present in both of these slowly cooled 
alloys are eutectic -Al, eutectic Al3Ni, and primary Al60Mn11Ni4 – which is usually 
referred to as the O phase [19]. In addition to these three phases, the Al-4Ni-4Mn 
alloy contains primary -Al dendrites. 
            
 (a) (b) 
Fig. 2 SEM photomicrograph showing the as-cast microstructure of (a) Al-6Ni-4Mn alloy, 
and (b) Al-4Ni-4Mn alloy. Both alloys were cast with 5°C/s cooling rate. 
 Fig. 3 shows an x-ray diffraction pattern of the Al-6Ni-4Mn alloy and confirms the 
presence of all three phases in this alloy composition. The eutectic Al3Ni phase is an 
orthorhombic intermetallic compound with lattice parameters a = 0.66 nm, b = 0.74 
nm, and c = 0.48 nm [4]. The O phase is also an orthorhombic intermetallic compound 
and has lattice parameters a = 2.38nm, b = 1.25nm, and c = 7.55nm [19]. 
 
 O phase 
 
O phase 
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Fig. 3 X-ray diffraction pattern of as-cast Al-6Ni-4Mn alloy cast with 5°C/s cooling rate. 
S. Balanetskyy [19] investigated the Al-rich corner of the Al-Ni-Mn ternary phase 
diagram, and suggested that a κ − (𝐴𝑙80.3𝑁𝑖17.5𝑀𝑛2.2)  phase forms in Al-4Ni-Mn 
alloys. However both x-ray and SEM examinations did not indicate formation of this 
phase under the conditions of this investigation.  
Effect of cooling rate on alloy microstructure – The eutectic -Al and eutectic 
Al3Ni phases are present in all the alloys of Table I, but as Fig. 4 shows, the O phase 
is not present in all alloys for all cooling rates. For example, it is not present in the 
Al-4Ni-2Mn alloy solidified with any of the cooling rates used in this work, nor is it 
present in the Al-6Ni-2Mn alloy solidified with cooling rates higher than 50°C/s and 
the Al-4Ni-3Mn alloy solidified with cooling rates higher than 70°C/s. 
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Fig. 4 Measured area fraction of O phase as a function of cooling rate. 
Fig. 5 is a TEM photomicrograph of the Al-6Ni-4Mn alloy. It shows that in addition 
to affecting the presence (or absence) of the O phase in the alloy’s microstructure, the 
cooling rate during solidification also affects the morphology of the eutectic Al3Ni 
phase. At the high cooling rate (90°C/s), the eutectic Al3Ni phase is in the form of  
fibers approximately 100 nm in diameter that are perfectly oriented within each 
grain. On the other hand, at the low cooling rate (5°C/s), the fibers are coarser and 
exhibit obvious perturbations in radius along their length. 
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(a) (b) 
Fig. 5 TEM photomicrograph showing the as-cast microstructure of Al-6Ni-4Mn alloy, (a) 
cast with 90°C/s cooling rate, and (b) cast with 5°C/s cooling rate. 
Effect of chemical composition on alloy microstructure – Fig. 6 shows SEM 
photomicrographs of various Al-Ni-Mn alloys and illustrates the effect of alloy 
composition on the microstructure of the alloy. The chemical composition of the Al-
Ni-Mn alloy affects predominantly the amount of O phase present in the alloy’s 
microstructure. Fig. 6, together with Fig. 4, demonstrate that a higher Ni and/or 
higher Mn content enhances formation of the O phase. The O phase is rich in Mn 
(14.55 wt.% Mn) [19], so its formation in excess deprives the supersaturated solid 
solution of this element and by doing so it limits precipitation strengthening by Al6Mn 
precipitate particles. Moreover, the O phase is rich in Ni (5.3 wt. % Ni), so its 
formation reduces the amount of Al3Ni eutectic that form by the eutectic reaction. 
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 (a) (b) 
           
 (c) (d) 
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O phase 
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 (e) (f) 
Fig. 6 SEM photomicrographs of Al-Ni-Mn alloys cast with 90°C/s cooling rate. (a) Al-6Ni-
4Mn, (b) Al-6Ni-3Mn, (c) Al-6Ni-2MN, (d) Al-4Ni-4Mn, (e) Al-4Ni-3Mn, (f) Al-4Ni-2Mn. 
Solidification sequence in Al-Ni-Mn alloys – Since formation of the O phase may 
be suppressed by employing a high cooling rate, then the O phase must be a primary 
phase. However, if the alloy is cooled rapidly from the pouring temperature (800°C) 
to the eutectic temperature, the O phase does not have sufficient time to nucleate and 
grow in the liquid. Fig. 7 is a schematic depiction based on the information presented 
in Fig. 4 and shows a non-equilibrium phase diagram for the Al-Ni-Mn system. This 
simple schematic illustrates the correct choice of cooling rates during solidification in 
order to ensure complete introduction of manganese into supersaturated solid 
solution during solidification. Neither the primary -Al phase nor the primary Al3Ni 
phase are present in Al-6Ni-Mn alloys, therefore these alloys lie in an Al-Al3Ni 
eutectic trough. Extrapolation of this eutectic trough in the direction of the Al-Ni 
binary composition leads to the Al-6.1Ni eutectic point. Al-4Ni-Mn alloys, on the other 
hand, do form the primary -Al phase prior to forming the Al-Ni eutectic structure. 
The presence of O phase in the microstructure depends to a large extent on the cooling 
rate during solidification. The dashed lines in Fig. 7 indicate the limiting cooling rate 
for formation of O phase in the different alloy compositions; and the O phase forms 
on the concave side of these dashed lines. Obviously, a higher cooling rate during 
solidification allows introduction of more Mn in solid solution; i.e., the dashed lines 
move towards the Mn rich region of the diagram with increasing cooling rate.  
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Fig. 7 A schematic depiction of a non-equilibrium phase diagram for the Al-Ni-Mn system. 
Alloy 1 is Al-6Ni-4Mn; alloy 2 is Al-6Ni-3Mn; alloy 3 is A-6Ni-2Mn; alloy 4 is Al-4Ni-4Mn; 
alloy 5 is Al-4Ni-3Mn; and alloy 6 is Al-4Ni-2Mn. 
Precipitation strengthening in Al-Ni-Mn alloys – Fig. 8 shows the response of 
Al-6Ni-4Mn alloy that is solidified with 90°C/s cooling rate to aging at 400°C and 
450°C. The maximum yield strength is attained after 1.5 hours at the 400°C aging 
temperature and after 1.0 hour at the 450°C aging temperature. As illustrated in Fig. 
4, the fast solidification cooling rate mitigates formation of the O phase and thus it 
allows a relatively large fraction of the Mn to be retained in an ultra-supersaturated 
solid solution with Al. The as-cast yield strength of the Al-6Ni-4Mn alloy was 
measured and found to be 140 MPa. Subsequent aging of the alloy causes Mn-
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containing precipitates to form in the alloy and significantly increase its yield 
strength. 
 
Fig. 8 Variation of the yield strength with aging time for Al-6Ni-4Mn alloy solidified with 
90°C/s cooling rate and aged at 400°C and 450°C. 
Fig. 9 shows SEM photomicrographs of the Al-6Ni-4Mn alloy solidified with 90°C/s 
cooling rate and it clearly demonstrates the effect of aging on the microstructure of 
this alloy. The strength-inducing precipitates form along the grain boundaries. Fig. 
10 is a composite TEM micrograph of the Al-6Ni-4Mn sample solidified with 90°C/s 
cooling rate and aged at 450°C for 2 hours. The photomicrograph on the right side of 
the dashed line is taken within a grain boundary and the photomicrograph on the left 
side of the dashed line is taken within a grain. The particles in the grain boundary 
have an elliptical cross section with an average major axis equal to 350 nm and an 
average minor axis equal to 200 nm. A selected area diffraction pattern (SADP) taken 
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from these particles is shown in Fig. 11 and confirms that they are indeed Al6Mn 
precipitates that are aligned with the [111] zone axis and have an orthorhombic 
crystal structure with lattice parameters a = 0.76 nm, b = 0.65 nm, and c = 0.89 nm. 
SADP also shows that the precipitates do not have an obvious orientation 
relationship with the aluminum matrix. Energy dispersive spectroscopy (EDS) was 
used to measure the concentration of Mn across several grains in as-cast alloy 
samples of Table I (Fig. 12). The measurements did not reveal any severe segregation 
of Mn in the neighborhood of grain boundaries, which suggests the following plausible 
scenario for why precipitation of the Al6Mn particles occurs at the grain boundaries 
preferentially to within the grains. 
           
 (a) (b) 
Fig. 9 SEM photomicrograph of the Al-6Ni-4Mn sample solidified with 90°C/s cooling rate. 
(a) as-cast microstructure, and (b) aged at 450°C for 2 hours. 
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Fig. 10 Composite TEM micrograph of the Al-6Ni-4Mn sample solidified with 90°C/s 
cooling rate and aged at 450°C for 2 hours. 
 
Fig. 11 Selected area diffraction pattern (SADP) from particles in the grain boundary of an 
Al-6Ni-4Mn sample solidified with 90°C/s cooling rate and aged at 450°C for 2 hours. The 
particles are Al6Mn aligned with the [111] zone axis. 
 
 
(1 01)𝐴𝑙6𝑀𝑛 
(01 1)𝐴𝑙6𝑀𝑛 
(1 10)𝐴𝑙6𝑀𝑛 
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Thermodynamics dictate that the energy barrier for heterogeneous nucleation (i.e., 
nucleation on grain boundaries) is lower than the energy barrier for homogeneous 
nucleation (i.e., nucleation within grains) [20]. Nucleation at grain boundaries is 
especially favored when the chemical driving force is low and, at the same time the 
ratio between the grain boundary energy and that of the nucleus/bulk interface is 
high. The relatively high precipitate density at the grain boundaries may be 
explained by considering the effect of a high flux of vacancies into and along the grain 
boundary on the nucleation rate. Quenched-in vacancies that form due to the fast 
cooling rate from the melt temperature greatly increases the rate at which atoms 
diffuse at the aging temperature and, apart from dislocations, the main sinks for 
these excess vacancies are the grain boundaries. This high vacancy flux could 
increase the nucleation rate of precipitates through its effect on the rate at which 
single atoms add onto the critical nucleus (i.e., the frequency factor). The fact that 
Al6Mn precipitates form in the grain boundaries is particularly important because 
the precipitates appreciably modify the response of the alloy to various stimuli, 
including heat. Susceptibility of the alloy to corrosion is also affected as the areas 
neighboring the precipitate particles become depleted in Mn and therefore they 
constitute local electrochemical cells. Grain boundary precipitation has been observed 
in many aluminum alloys, e.g., Al-Cu [21], and Al-Zn-Mn [22]. Fig. 12 shows that 
coring occurs in the hypoeutectic alloys, particularly when they are solidified with a 
slow cooling rate (e.g., 5°C/s). Although chemical compositions measured by EDS are 
generally not precise, it is evident that irrespective of alloy composition, more Mn is retained 
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in the super saturated solid solution when the alloy is solidified with a high cooling rate (e.g., 
90°C/s) than with a low cooling rate. 
 
Fig. 12 Manganese concentration in wt% in the neighborhood of typical grain boundaries of 
as-cast (a) Al-6Ni-4Mn alloy cooled at 90°C/s, (b) Al-6Ni-4Mn alloy cooled at 5°C/s, (c) Al-
 
(a) 
 
(b) 
 
(c) 
 
(d) 
DAS 
DAS DAS DAS 
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4Ni-4Mn alloy cooled at 90°C/s, and (d) Al-4Ni-4Mn alloy cooled at 5°C/s.  Shaded regions 
on the plots locate space between dendrite arms (i.e., DAS). 
 
Close examination of the alloy’s microstructure near grain boundaries shows that the 
eutectic Al3Ni extend to within a few nanometers from the grain boundary (Fig. 13). 
Although technically speaking this is not a precipitate free zone (PFZ) since the Al3Ni 
eutectic are a product of a eutectic reaction and not a precipitation reaction, the 
consequences are similar to those attributed to a PFZ; i.e., the lack of a PFZ may 
significantly increase the yield strength of a precipitation hardened alloy [23]. In the 
alloys of Table I, the regions neighboring the grain boundaries are strengthened by 
the eutectic Al3Ni. 
 
Fig. 13 High magnification photomicrograph of Al-6Ni-4Mn alloy cooled at 90°C/s. Lines 
delineate two adjacent grains. 
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The room temperature yield strength of alloys with the compositions shown in Table 
I, solidified with 90°C/s cooling rate and aged at 450°C for 1 hour was measured. 
The results are presented in Table II. Also shown in Table II is the yield strength of 
Al-6Ni-4Mn alloy solidified with 90°C/s cooling rate, aged at 450°C for 1 hour, and 
measured at 300°C3. As expected, the room temperature yield strength of Al-Ni-Mn 
alloys decreases with decreasing Mn content; and, for the same Mn content, the 
yield strength of Al-6Ni-xMn alloys is higher than that of Al-4Ni-xMn alloys. This is 
attributed mainly to the larger volume fraction of Al3Ni eutectic in the Al-6Ni-xMn 
alloys. Al-Ni-Mn alloys in general have excellent elevated temperature tensile 
properties as demonstrated by the Al-6Ni-4Mn alloy, which has a 130MPa yield 
strength at 300°C compared to 124 MPa at 260°C for die cast A390 aluminum alloy 
[10]. 
 
 
 
 
 
 
                                                                 
3 Samples were soaked at 300°C in an electric box furnace for 100 hours and then pulled at 300°C. 
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Table II 0.2% offset yield strength of alloys with the compositions shown in Table I. The 
alloys were solidified with 90°C/s cooling rate and aged at 450°C for 1 hour. 
Alloy Composition 
(wt. %) 
Temperature 
(°C) 
0.2% offset Yield strength 
(MPa) 
Al-6Ni-4Mn 25 198 
Al-6Ni-3Mn 25 169 
Al-6Ni-2Mn 25 163 
Al-4Ni-4Mn 25 153 
Al-4Ni-3Mn 25 149 
Al-4Ni-2Mn 25 131 
Al-6Ni-4Mn 300 130 
It can be deduced from Fig. 4 that a maximum of three phases may be present in the 
as-cast Al-Ni-Mn alloys of this study; namely (i) the supersaturated -Al phase, (ii) 
the Al3Ni phase, and (iii) the O phase. The Ni and Mn contents of the alloy are   
divided among these 3 phases. So, applying a mass balance yields 
 𝑚𝑁𝑖 =
𝜌𝜊𝑓𝜊
4𝑀𝑁𝑖
𝑀𝐴𝑙60𝑀𝑛11𝑁𝑖4
+𝜌𝐴𝑙3𝑁𝑖𝑓𝐴𝑙3𝑁𝑖
𝑀𝑁𝑖
𝑀𝐴𝑙3𝑁𝑖
𝜌𝜊𝑓𝜊+𝜌𝐴𝑙3𝑁𝑖𝑓𝐴𝑙3𝑁𝑖+𝜌𝐴𝑙 (1−𝑓𝜊−𝑓𝐴𝑙3𝑁𝑖)
 (11) 
from which 
 𝑓𝐴𝑙3𝑁𝑖 =
𝜌𝜊𝑓𝜊
4𝑀𝑁𝑖
𝑀𝐴𝑙60𝑀𝑛11𝑁𝑖4
−𝑚𝑁𝑖𝜌𝜊𝑓𝜊−𝑚𝑁𝑖𝜌𝐴𝑙+𝑓𝜊𝑚𝑁𝑖𝜌𝐴𝑙
𝑚𝑁𝑖𝜌𝐴𝑙3𝑁𝑖−𝑚𝑁𝑖𝜌𝐴𝑙−𝜌𝐴𝑙3𝑁𝑖
𝑀𝑁𝑖
𝑀𝐴𝑙3𝑁𝑖
  (12) 
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and 
 𝑚𝑀𝑛 =
𝜌𝜊𝑓𝜊
11𝑀𝑀𝑛
𝑀𝐴𝑙60𝑀𝑛11𝑁𝑖4
+𝜑𝑀𝑛
𝜌𝜊𝑓𝜊+𝜌𝐴𝑙3𝑁𝑖𝑓𝐴𝑙3𝑁𝑖+𝜌𝐴𝑙(1−𝑓𝜊−𝑓𝐴𝑙3𝑁𝑖)
 (13) 
from which 
𝜑𝑀𝑛 = 𝑚𝑀𝑛[𝜌𝜊𝑓𝜊 + 𝜌𝐴𝑙3𝑁𝑖𝑓𝐴𝑙3𝑁𝑖 + 𝜌𝐴𝑙(1− 𝑓𝜊 − 𝑓𝐴𝑙3𝑁𝑖)]− 𝜌𝜊𝑓𝜊
11𝑀𝑀𝑛
𝑀𝐴𝑙60𝑀𝑛11𝑁𝑖4
 
 (14) 
where 𝑓𝜊  may be determined from area fraction measurements. 
Upon aging, the yield strength of the Al-Ni-Mn alloy derives from its volume fraction 
of Al3Ni eutectic (𝑓𝐴𝑙3𝑁𝑖) and volume fraction of Al6Mn precipitate particles(𝑓𝐴𝑙6𝑀𝑛). 
𝑓𝐴𝑙3𝑁𝑖  is calculated from (12), and  𝜑𝑀𝑛  is calculated from (14) and then used in (15) 
to calculate 𝑓𝐴𝑙6𝑀𝑛  by assuming that all the Mn content of the alloy is consumed in 
forming the Al6Mn phase,  
 𝑓𝐴𝑙6𝑀𝑛 = 𝜑𝑀𝑛 ∗
𝑀𝐴𝑙6𝑀𝑛
𝑀𝑀𝑛
/𝜌𝐴𝑙6𝑀𝑛 (15) 
Fig. 14 shows the change in volume fraction of the Al3Ni eutectic and the Al6Mn 
precipitate particles with solidification cooling rate. It is calculated by employing the 
appropriate values for the various parameters in (12) and (15), respectively.  
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(c) 
Fig. 14 Calculated curves showing the change in volume fraction with solidification cooling 
rate due to (a) the Al3Ni fibers in Al-6Ni-xMn alloys, (b) the Al3Ni fibers in Al-4Ni-xMn 
alloys, (c) the Al6Mn precipitate particles in Al-6Ni-xMn and Al-4Ni-xMn alloys. 
Similarly, Fig. 15 shows the change in yield strength increment with solidification 
cooling rate due to the presence of the Al3Ni eutectic and Al6Mn precipitate particles, 
respectively. These curves are calculated by employing the appropriate values for the 
various parameters in (8) and (9), respectively together with the average measured 
values for the radius of the Al3Ni eutectic (50 nm), the major and minor axes of the 
Al6Mn particle (350 nm and 200 nm, respectively). Fig. 16 shows the change in total 
yield strength of the various Al-Ni-Mn alloys of this study with solidification cooling 
rate. It is calculated by employing the appropriate values for the various parameters 
in (10). Close examination of Fig. 16 reveals that the volume fraction of the Al3Ni 
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eutectic is the most important strengthening factor in Al-Ni-Mn alloys. All the Al-
6Ni-xMn alloys have higher yield strength than Al-4Ni-xMn alloys do. Moreover, a 
higher Mn content (4 wt.% vs. 3 wt.%) is more desirable for alloy strength, but only 
when solidification cooling rate > 16°C/s for Al-6Ni-xMn alloys, and > 30°C/s for Al-
4Ni-xMn alloys. A lower Mn content (2 wt.%) produces alloys with inferior yield 
strength with all the solidification cooling rates investigated, and this is true for both 
Al-6Ni-xMn and Al-4Ni-xMn alloys. 
Table III shows the measured and calculated yield strengths for the Al-Ni-Mn alloys 
of this study. The calculated values for yield strength are very close to the measured 
values, which validates the model equations. An important simplifying assumption 
was made when applying the model equations and it may have contributed to the 
small discrepancy between the measured and the calculated values: Variations in the 
nucleation and growth kinetics of the Al6Mn precipitate particles with the manganese 
and/or nickel content of the alloy was neglected, as a result the Al6Mn precipitate 
particles are taken to be of the same average size irrespective of alloy composition. 
The somewhat large difference (14%) between the measured and calculated yield 
strength of the Al-6Ni-4Mn alloy may be attributed to the significant amount of O 
phase that forms in this alloy and is not accounted for in the mathematical model. 
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(c) 
Fig. 15 Calculated curves showing the change in yield strength of the alloys with 
solidification cooling rate due to (a) the Al3Ni fibers in Al-6Ni-xMn alloys, (b) the Al3Ni 
fibers in Al-4Ni-xMn alloys, (c) the Al6Mn precipitate particles in Al-6Ni-xMn, and Al-4Ni-
xMn alloys. 
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Fig. 16 Calculated curves showing the change in total yield strength of the alloys with 
solidification cooling rate. 
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Table III. Measured and calculated yield strength values of alloys with the compositions 
depicted in Table I. 
Alloy Composition 
(wt. %) 
Measured yield strength 
(MPa) 
Calculated yield strength 
(MPa) 
Al-6Ni-4Mn 198 175 
Al-6Ni-3Mn 169 174 
Al-6Ni-2Mn 163 167 
Al-4Ni-4Mn 153 153 
Al-4Ni-3Mn 149 146 
Al-4Ni-2Mn 131 137 
CONCLUSIONS 
1) Because the equilibrium solubility of manganese in solid aluminum is small, the 
maximum volume fraction of Al6Mn precipitate that may form in aluminum by a 
typical heat treatment regimen is limited; consequently, the strengthening 
increment attained by the presence of the Al6Mn phase is limited. A ‘non-
traditional’ heat treatment regimen is proposed whereby the molten alloy is cast 
at a high cooling rate (90°C/s) so that an ultra-supersaturated solid solution of 
manganese in aluminum is obtained directly from the melt. In alloys with the 
eutectic composition (i.e., Al-6Ni-xMn alloys), the fast cooling preserves the 
homogeneous solid solution formed at the melting temperature. However, in 
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hypoeutectic alloys (e.g., Al4Ni-xMn alloys), some coring occurs, particularly in 
the slowly cooled (5°C/s) alloys. 
2) A high cooling rate during solidification suppresses formation of the O phase in 
Al-Ni-Mn alloys leaving more of the manganese to partake in precipitation 
strengthening. On the other hand, elevated manganese and nickel contents 
promote formation of the O phase. 
3) Al6Mn particles precipitate predominantly within the grain boundaries. Since no 
preferential segregation of manganese around grain boundaries was detected, it 
is stipulated that the relatively high precipitate density at the grain boundaries 
is due to the high flux of vacancies into and along the grain boundaries. This high 
vacancy flux increases the nucleation rate of the Al6Mn precipitate by increasing 
the frequency at which atoms add onto the critical nucleus. 
4) A mathematical model is developed and used to calculate the strengthening 
increment contributed by each of the phases present in the aged Al-Ni-Mn alloys. 
The model predicts that the larger part of the alloy’s yield strength is due to the 
Al3Ni eutectic phase. 
5) The mathematical model suggests that the total yield strength of Al-Ni-Mn alloys 
with compositions within the investigated range is the linear sum of the 
strengthening increments contributed by the -Al phase, the Al3Ni eutectic phase, 
and the Al6Mn precipitate particles. 
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6) The measured room temperature yield strength of Al-6Ni-4Mn alloy solidified at 
90°C/s and aged at 450°C for 1 hour is around 200 MPa and its measured yield 
strength at 300°C is 130 MPa, which compares very favorably with commercial 
aluminum alloys. 
7) The model-predicted room temperature yield strength values of the Al-Ni-Mn 
alloys with compositions within the investigated range compare very well with 
measured values. 
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